
Journal of Nuclear Materials 405 (2010) 83–94
Contents lists available at ScienceDirect

Journal of Nuclear Materials

journal homepage: www.elsevier .com/ locate / jnucmat
Modelling of the effect of dislocation channel on intergranular microcrack
nucleation in pre-irradiated austenitic stainless steels during low strain rate
tensile loading

Pierre Evrard, Maxime Sauzay *

DMN-SRMA-LC2M, CEA Saclay, 91191 Gif-sur-Yvette, France

a r t i c l e i n f o a b s t r a c t
Article history:
Received 8 January 2010
Accepted 3 June 2010
0022-3115/$ - see front matter � 2010 Elsevier B.V. A
doi:10.1016/j.jnucmat.2010.06.006

* Corresponding author.
E-mail address: maxime.sauzay@cea.fr (M. Sauzay
In the present article, the effect of dislocation channel on intergranular microcrack nucleation during the
tensile deformation of pre-irradiated austenitic stainless steels is studied. Because several slip planes are
activated within the dislocation channel, the simple dislocation pile-up model seems not well suited to
predict grain boundary stress field. Finite element computations, using crystal plasticity laws and meshes
including a channel of finite thickness, are also performed in order to study the effect of some microstruc-
tural characteristics on grain boundary stress field. Numerical results show that: the thickness and the
length of the dislocation channel influence strongly the grain boundary normal stress field. The grain
boundary orientation with respect the stress axis does not affect so much the grain boundary normal
stresses close to the dislocation channel. On the contrary far away the dislocation channel, the grain
boundary stress field depends on the grain boundary orientation. Based on these numerical results, an
analytical model is proposed to predict grain boundary stress fields. It is valuable for large ranges of dis-
location channel thickness, length as well as applied stress. Then, a macroscopic microcrack nucleation
criterion is deduced based on the elastic–brittle Griffith model. The proposed criterion predicts correctly
the influence of grain boundary characteristics (low-angle boundaries (LABs), non-coincident site lattice
(non-CSL) high-angle boundaries (HABs), special grain boundaries (GBs)) on intergranular microcrack
nucleation and the macroscopic tensile stress required for grain boundary microcrack nucleation for
pre-irradiated austenitic stainless steels deformed in argon environment. The criterion based on a dislo-
cation pile-up model (Smith and Barnby) underestimates strongly the nucleation stress. These results
confirm that pile-up models are not well suited to predict microcrack nucleation stress in the case of dis-
location channels impacting grain boundary. The proposed criterion is applied to the prediction of the
IASCC macroscopic nucleation stress for pre-irradiated material tested in PWR environment and the pre-
dictions are discussed with respect to experimental data. Finally, the limitations of the continuum mod-
elling are discussed.

� 2010 Elsevier B.V. All rights reserved.
1. Introduction

In order to keep the integrity of pressurized water reactors
(PWR), it is necessary to understand and predict the failure of core
internals. In particular, it is well known that PWR environment and
irradiation could lead to in premature failure of some components
[1]. PWR environment combined with mechanical loading (tem-
perature 300–340 �C, dissolved hydrogen 30 cm3/kg, dissolved
oxygen <5 ppb, pH = 6.9) can lead to intergranular stress corrosion
cracking (IGSCC). Irradiation, modifying the mechanical properties
and grain boundary chemistry of materials can assist the IGSCC.
This phenomenon is named irradiation assisted stress corrosion
cracking (IASCC).
ll rights reserved.

).
Several authors [2–7] have performed tensile tests in argon, air
or PWR environment on austenitic stainless steels previously irra-
diated to different doses. In comparison with the stress–strain
curves of an unirradiated austenitic stainless steel, it has been
observed that if the dose increases, the yield stress increases what-
ever the irradiation temperature [8], the strain rate [9] and the test
temperature [10]. From about 10 dpa, the yield stress saturates and
reaches 800–1200 MPa [5] for an austenitic stainless steel irradi-
ated and tested at about 350 �C and at strain rate of 3 � 10�4 s�1.
The microstructure evolution induced by irradiation has been stud-
ied from TEM observations. During irradiation, defects appear such
as Frank loops, cavities, black dot and limit dislocation mobility
during post-irradiation tensile tests. Consequently, the yield stress
increases. However, during post-irradiation tensile tests, regions
without defects can appear, named dislocation channel, where
the plastic deformation is mainly localized and can reach about
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Fig. 1. Microstructure M1 generated using the FE software Cast3m (a = 35�).
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100–200% [11,12]. Usually, the dislocations channels are observed
during slow strain rate tests (�10�8 s�1) carried out at a tempera-
ture of about 300 �C [13,7]. For the irradiated materials tested at
fast strain rate (�10�3 s�1), at room temperature and low doses,
twins are more generally observed [13,7]. Recently, the formation
of the dislocation channel has been discussed by Osetsky et al.
and Nogaret et al. [14,15] from molecular dynamics and dislocation
dynamics computations. In metallic materials similar to austenitic
stainless steels, the mechanism proposed is the absorption of Frank
loops as helical turns on screw dislocation. Dislocation jogs are
formed, which are transported along the screw dislocation lines.
Finally, the dislocations are re-emitted in a glide plane different
from the initial ones because of cross-slip. This leads to the pro-
gressive clearing of the dislocation channel.

Intergranular failure of specimens is generally observed in irra-
diated austenitic stainless steels tested in PWR environment at
slow strain rate or constant stress during the first phase of failure
near the free surface, while ductile-dimple fracture zones, at the
centre of specimens, are formed during the final phase [13]. For
austenitic stainless steels tested in a PWR environment, experi-
mental results have shown that if the irradiation dose and the dis-
solved hydrogen (DH) concentration increases, then the percentage
of intergranular failure increases up to reach 100% at about 30 dpa
[16,17]. But, environment effect is not always required. Indeed
[13,16,7] observed IG failure in pre-irradiated austenitic stainless
steels, irradiated to about 30 dpa and tested in argon environment.
In these experiments the percentage of intergranular cracking is
about 20%. Furthermore, recent studies have shown that the IASCC
failure stress, for an austenitic stainless steel tested in PWR envi-
ronment decreases with increasing doses [18,17]. Jiao and Was
[19] studied the role of dislocation channel on intergranular micro-
crack nucleation in austenitic stainless steel from TEM observa-
tions. The authors have tested an austenitic stainless steel with
low staking fault energy (SFE) in PWR environment previously irra-
diated to 5 dpa at 360 �C. The results show intergranular micro-
crack nucleation at the intersection between dislocation channel
and grain boundaries (channel-GB). Furthermore [20] show that
localized deformation bands promote strongly the IGSCC. Conse-
quently, it seems that dislocation channel plays a key-role in inter-
granular microcrack nucleation.

Dislocation channel is generally modelled using the dislocation
pile-up theory [11,7]. However, several slip planes are activated
within the dislocation channel [21,22]. Consequently, the disloca-
tion pile-up models do not seem well suited to predict the GB
stress field. In the present study, a large number of finite element
(FE) computations, using crystal elastic–plasticity laws, are per-
formed and the stress fields at the GB are studied. The influence
of some microstructural characteristics on grain boundary stress
fields is studied: dislocation channel thickness, length and GB ori-
entation in relation to the tensile axis. An analytical model for
computing easily the GB stress field is deduced. A microcrack
nucleation criterion is formulated and is discussed in relation with
some experimental data. Finally, the assumptions made are dis-
cussed and the limitations of the continuum modelling are
underlined.
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Fig. 2. Microstructure M2 generated using the FE software Cast3m (a = 0�).
2. FE meshes of microstructures and constitutive laws

To study the influence of the dislocation channel thickness and
length on GB stress fields, a first numerical microstructure, named
M1, (Fig. 1) has been generated using the FE software Cast3m [23].
A dislocation channel, defined by the thickness ‘t’, the length ‘L’, in-
clined to 45� with respect the tensile axis and surrounded by a
grain, has been generated. Grain and dislocation channels are sur-
rounded by a matrix. The GB normal is inclined to a = 35� with
respect the tensile axis. In order to maximize the strain localiza-
tion, the dislocation channel comes out toward a free surface. To
study the influence of the angle a, a second microstructure, named
M2, has been generated (Fig. 2) for which the angle between the GB
normal and the tensile axis is a = 0�. The microstructures are sub-
jected to a tensile load, R0, such as defined in Figs. 1 and 2. Bound-
ary conditions are applied in order to have a pure tension test and a
plane strain problem.

As the pile-up model [24], the stress field at the intersection
(pile-up or channel)-GB can be written as R = f(r)g(h) with (r, h)
the polar coordinate. Then, at the intersection channel-GB, a radial
mesh has been generated (Fig. 3). The mesh has been extruded in
the third direction and a 3D numerical microstructure is therefore
obtained. The influence of the mesh size has been studied in details
and no influence has been observed on GB normal stress field if the
mesh size is small enough. In order to have a better estimation of
the GB stresses near the dislocation channel and limited time com-
putation, a 5 nm mesh size has been chosen for GB discretization.
The same mesh size has been used for all meshed microstructures.
Finally, the influence of the time step has been studied and there is
not influence on the GB stresses computations if it is enough small.
In the following, the GB stress fields will be plotted in function of
the variable ‘r’ such as defined in Fig. 3.

To model the mechanical behaviour of the dislocation channel,
the anisotropy Kocks crystal viscoplasticity law [25,26] has been
used applied to FCC crystal (12 slip systems [1 1 1], {1 1 0}). This
law has been implemented in the software Cast3m using a subrou-
tine UMAT which has already used in [27]. The shear strain on each
slip system (s) is computed by a viscoplastic flow law:



Table 1
Material parameters used in the numerical simulations.

Parameters A m n q h0 ssat

Values 1 � 10�10 0.01 1 1.4 250 MPa 65 MPa
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if sðsÞ P s0 þ sðsÞc otherwise _cðsÞvp ¼ 0. s(s) is the shear stress on each
slip system (s), A and m are two parameters accounting for viscosity
effects. The hardening on each slip system (s) is computed by:

_sðsÞc ¼
Xu¼12

u¼1

hðsÞu _cu ð2Þ

with h(s)u = H(s) if (s) = u and h(s)u = qH(s) if (s) – u. H(s) is obtained by
the following expressions:
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q, h0, �s are respectively the latent hardening, the coefficient harden-
ing, and the stress controlling saturation. The elastic behaviour is
model by a cubic elasticity at 300 �C, C11 = 178 GPa, C12 = 125 GPa
and C44 = 81 GPa (anisotropy coefficient a = 2C44/(C11 � C12) = 3.05
[28,29]). The crystallographic orientation of the dislocation channel
is chosen in order to have a well-oriented dislocation channel (Sch-
mid factor of 0.5). SEM micrographs show that no plasticity is ob-
served apart from the dislocation channel [20]. Furthermore, TEM
micrographs show that the dislocation density, measured after
high-dose irradiation (10 dpa, 320 �C) is so low (<1011 m�2) that
close to the channel-GB intersection, no mobile dislocation is avail-
able [30]. Consequently, we used elastic law to model the behaviour
of the grain and the matrix surrounding the dislocation channel.
Furthermore, in this first study an isotropic elastic law is used in or-
der to simplify the model. For an austenitic stainless steel at 300 �C,
Young modulus and Poisson ratio are respectively E = 180 GPa and
m = 0.3.

The tensile strain–stress curves performed on pre-irradiated
austenitic stainless steels for different strain rate show that this
material is not viscous [2]. Then, the material parameters A and
m are adjusted in order to model time independent plasticity.
Furthermore, because the dislocation channel is free irradiation
defects, the hardening is limited and a weak hardening slope is
chosen to model its plasticity behaviour. The slope is about
l/250. The choice of this value is discussed in details in paragraph
5. The materials parameters have been also adjusted in order to
have quasi-perfect plasticity behaviour (n, q, h0, ssat) and have
similar with the ones given by Anand et al. [25]. The influence of
the initial critical shear stress s0 has been studied, and no signifi-
cant influence has been observed if s0 is lower to the macroscopic
tensile stress R0. In the following, the initial critical shear stress is
taken at 60 MPa [12]. Table 1 gives the material parameters used in
this study.

3. Numerical results

3.1. Influence of the thickness and the length of the dislocation channel

In irradiated austenitic stainless steels, the thickness of disloca-
tion channel can vary from 20 nm to 100 nm [2,31]. The thickness
does not evolve with irradiation dose and depends probably on the
type of austenitic stainless steels (304, 316), the experimental con-
ditions and the initial heat-treatment (cold-worked or annealed).
To study the influence of the thickness on the GB stress fields, three
microstructures of the type M1 (a = 35�), with t = 20 nm, 50 nm
and 100 nm and for a length of L = 10 lm have been generated.
Fig. 4 gives the GB normal and shear stress fields. A quasi-singular-
ity of the GB stress fields is observed close to the intersection be-
tween the dislocation channel and GB. The GB shear stresses are
about 70% smaller, at a distance of r = 5 nm of the dislocation chan-
nel, than the GB normal stresses. Consequently, it seems that the
GB normal stresses control intergranular microcrack nucleation
rather than GB shear stresses. Moreover, the numerical results
show that if the thickness of the dislocation channel increases,
the GB normal stresses increases. Near the dislocation channel
(r = 5 nm), the normal stress reaches respectively for t = 20 nm,
50 nm and 100 nm: Rn = 750 MPa, 930 MPa and 1100 MPa for a
tensile load of R0 = 300 MPa. Consequently, more the dislocation
channel is large more the material should be sensitive to intergran-
ular crack nucleation.

The GB normal stresses are evaluated for two lengths of disloca-
tion channel: L = 10 lm and L = 500 lm (in both cases t = 1 lm and
the tensile load is equal to R0 = 300 MPa). The computations are
performed on the microstructure M1 (a = 35�). The results
(Fig. 5) show that the length of the dislocation channel influences
strongly the GB normal stress. The larger the channel, the higher
the GB normal stresses. Consequently, irradiated austenitic stain-
less steels with large grain size (the length of the dislocation chan-
nel is equal to about the grain size) will be probably more sensitive
to intergranular microcrack nucleation. Lopez et al. [32] showed
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that austenitic stainless steels with large grain sizes are more sen-
sitive to SCC than austenitic stainless steels with small grain sizes.
Our numerical results are also in good agreement with experimen-
tal observations.

3.2. Influence of the grain boundary orientation with respect
the tensile axis

The GB normal stress fields computed for the microstructures:
M1 (a = 35�) and M2 (a = 0�) are plotted in Fig. 6. The thickness
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and the length of the dislocation channels are respectively
t = 50 nm and L = 10 lm and the tensile load is equal to
R0 = 300 MPa. The remote GB normal stress can be computed by
the following expression: R1n ¼ R0 cos2 a. For the microstructures
M1 and M2, the remote GB normal stresses are respectively
R1n = 200 MPa and R1n = 300 MPa. Near the dislocation channel
(cf zoom Fig. 6), the GB normal stresses are quasi the same for both
computations. On the contrary, far from the dislocation channel,
the GB normal stress tends to the remote GB normal stress.
Consequently, without dislocation channel the GB perpendicular
to the macroscopic tensile axis are the most solicited. This result
is coherent with the numerical results obtained by Kamaya et al.
[33]. However, only two angles have been tested because testing
many angles should be very time consuming. Following the Stroh
[24] pile-up model (Fig. 7a), the GB normal stress field can be
described as:

Rn ¼
3
2

Le

r

� �1=2

ðs� s0ÞhðhÞ with hðhÞ ¼ sin h cos
h
2

h 2 ½0;p�

ð4Þ
where Le and s0 are respectively the pile-up length and the initial
critical shear stress. The resolved shear stress, s, is computed by
s = fR0 where f is the Schmid factor (f = 0.5 for a well-oriented dis-
location channel). The angle, h, is defined between the pile-up and
the GB (Fig. 7a), which can be expressed in function of a by
h = 45� + a for a pile-up inclined to 45� with respect the tensile axis.
Fig. 7b gives the evolution of the function: g(a) = h(45 + a). For
a = 0� and a = 35�, Stroh model predicts a difference about 13% on
the GB normal stress while FE computations predict a difference
about 4% (at a distance of r = 5 nm of the dislocation channel). Thus,
the analogy with the Stroh pile-up model can explain the small dif-
ference observed on FE computations. Furthermore, between
a = �10� and a = 65�, the function g(a) is quasi constant (±13%).
The influence of GB orientation on GB normal stresses near the dis-
location channel could be neglected in this angle range. On the con-
trary, the GB normal stresses, near the dislocation channel, should
be depend of the GB orientation with respect the tensile axis for
a < �10� and a > 65�. However, for this angle range, from the Stroh
pile-up model, the GB normal stress will be weak and no micro-
cracks nucleation should be observed.

4. Analytical model and microcrack nucleation criterion
proposition

4.1. Analytical model

Previous results have shown that the thickness and the length
of the dislocation channel had a significant influence on the GB
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normal stress fields. Furthermore, near the dislocation channel, the
GB normal stresses are probably not influenced by the GB orienta-
tion with respect the tensile axis in a range of a e [�10�; 65�]. But
far from the dislocation channel, the GB boundary normal stress
tends to the remote GB normal stress. The Stroh pile-up model
(Eq. (4)) has been compared to FE computations and the pile-up
model overestimates strongly the GB normal stresses. Moreover,
this one does not taken into account the influence of dislocation
channel thickness which influences the GB normal stresses. In
the purpose to formulate a microcraks nucleation criterion at the
intersection channel-GB from the Griffith theory, we propose to
predict the GB normal stresses by making an analogy with the elas-
tic fracture mechanics theory and a singularity (as the Stroh pile-
up model) in 1=

ffiffiffi
r
p

is used to describe the GB normal stress field.
Because, computations show that GB shear stresses are negligible,
the following analytical model, in mode I, is also proposed to ac-
count for the GB normal stresses:

Rn ¼
KIffiffiffiffiffiffiffiffiffi
2pr
p þ R1n ð5Þ

Noted that this expression is validated if the GB orientation is
such as a e Z[�10�; 65�]. The equivalent stress intensity factor
(SIF), KI, depends of the geometry of the crack (the dislocation
channel in this study) and the load. The dislocation channel can
be divided in two microcracks, one with a length ‘L’ and another
with a length ‘t’. The following expression of the equivalent SIF is
also proposed:

KI ¼ ðfR0 � s0ÞðA
ffiffi
t
p
þ B

ffiffiffi
L
p
Þ ð6Þ

A and B are two parameters which should be adjust on FE
results. The both parameters are adjusted using three numerical
results obtained using microstructure M1 (t = 1000 nm L = 500 lm,
t = 1000 nm L = 10 lm, t = 50 nm L = 10 lm). Fig. 8 shows the com-
parison between stress fields either computed by FE model or by
the analytical model using the adjusted parameters A = 3.14 and
B = 0.14 (the fixed parameters are f = 0.5, R0 = 300 MPa,
s0 = 60 MPa and a = 35�). The analytical model is able to account
for the influence of the thickness and the length of the dislocation
channel on the GB normal stress fields. Moreover, the analytical
model predicts correctly the values of GB normal stresses. The pro-
posed analytical model is validated using other FE results obtained
with various parameters: (i) thickness (t = 20 nm and t = 100 nm)
(Fig. 9a), (ii) GB orientation (a = 0�) (Fig. 9b) and (iii) loads
(R0 = 500 MPa, R0 = 700 MPa) (Fig. 9c).

(i) the proposed model is able to predict correctly the influence
of the thickness. Near the dislocation channel at a distance of
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(ii) the proposed model predicts correctly the GB normal stress
far from the dislocation channel. However, near the disloca-
tion channel at a distance of r = 5 nm (cf zoom Fig. 9b), the
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Fig. 10. Ratio Rcrit/Ry (Rcrit: macroscopic microcrack nucleation stress and Ry:
macroscopic yield stress) for austenitic stainless steel pre-irradiated at 35 dpa
(T � 320 �C) and tested in argon environment (T � 320 �C). Comparison between
experimental results [7,16], and the predictions given by proposed criterion as well
as the Smith and Barnby criterion (pile-up model). t = 50 nm (±20%), L = 50 lm
(±20%), f = 0.5, s0 = 60 MPa.
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analytical model underestimated the GB normal stress for a
GB orientation of a = 0�,

(iii) whatever the load, the analytical model predicts correctly
the GB normal stress fields. However, the higher the load,
the higher the difference between the analytical model and
the FE results. Close to the dislocation channel (cf zoom
Fig. 9c), at a distance of r = 5 nm, the difference between
the stress computed by the FE method and the analytical for-
mula are 27% for R0 = 500 MPa and 34% for R0 = 700 MPa.

4.2. Microcrack nucleation criterion proposition

As mentioned in introduction, during the initial phase of failure,
intergranular microcracks nucleation is generally observed and the
fractographies show a quasi brittle failure. These observations
motivate to develop a microcracks nucleation criterion based on
the elastic–brittle Griffith model. The crack area energy G can be
computed from the SIF by:

G ¼ K2
I ð1� t2Þ

E
ð7Þ

assuming plane strain, with E and m, the Young modulus and the
Poisson ratio respectively. The microcrack nucleates if G is equal
to the fracture surface energy c. In the case of intergranular crack-
ing, the fracture surface energy is decomposed in two terms:
c = 2cs � cGB, where cs denotes free surface energy per unit area
and cGB the GB energy per unit area. From Eqs. (6) and (7), an inter-
granular microcrack nucleation criterion is obtained. A microcrack
nucleates if R0 > Rcrit with Rcrit:

Rcrit ¼
1
f

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
ð2cs � cGBÞE

1� t2

r
1

A
ffiffi
t
p
þ B

ffiffiffi
L
p þ s0

 !
ð8Þ

The proposed criterion predicts that if the thickness or the
length of the dislocation channel increases the stress to initiate
microcrack decreases. Consequently, the austenitic stainless steels
with large dislocation channel or grain sizes should be more sensi-
tive to intergranular microcracks nucleation at the intersection
channel-GB. In the next section, the influence of GB characteristics
(non-CSL HABs, LABs, special GBs) and the environment on inter-
granular microcrack nucleation are discussed in the case of irradi-
ated austenitic stainless steels.

5. Modelling of intergranular grain boundary microcrack
nucleation

5.1. Grain boundary characteristic

Grain boundaries can be classified using the coincident site lat-
tice (CSL) theory [34], which defines the periodicity, i.e., the degree
of ‘fit’ between the two lattices. Using this model, it is possible to
divide GB into categories [35,36], (i) low-angle boundary (LAB):
up to 15� misorientation, (ii) non-CSL high-angle boundary (HAB)
or general GBs and (iii) special GBs. The GB energy cGB, of LABs
and special GBs is small, while the GB energy of non-CSL HABs is
high [35,36]. The proposed criterion (Eq. (8)) predicts that the
microcrack nucleation stress decreases when the GB energy in-
creases. Consequently, non-CSL HABs should be more sensitive to
intergranular microcrack nucleation than LAB and special GB.
Dropek et al. [37] studied the influence of GB distribution on inter-
granular cracking for an irradiated austenitic stainless steel. The
experimental results have shown that the material with a major
part of non-CSL HABs are more sensitive to intergranular cracking
that the material with a major part of LAB, and special GBs. The
proposed criterion is also in good agreement with these experi-
mental observations.
5.2. Intergranular microcrack nucleation in argon environment

Nishioka et al. [17] and Fukuya et al. [16] tested in argon envi-
ronment austenitic stainless steels previously pre-irradiated to
35 dpa at a temperature of about 320 �C. The tensile tests have
been carried out at very slow strain rate (�10�8 s�1) and at a tem-
perature of about 320 �C. In these experimental conditions, dislo-
cation channels are observed at the surface of the specimens as
well as close to the GBs. Both authors measured an experimental
macroscopic microcrack nucleation stress close to the yield stress:
i.e., Rcrit/Ry � 1 (Fig. 10). Furthermore, Nishioka et al. observed no
influence of the irradiation dose on the macroscopic microcrack
nucleation stress from 4 dpa.

In the following, the predictions of the Smith and Barnby [38]
and the proposed criterion (Eq. (8)) are compared to the previous
experimental results. The microcrack nucleation stress predicted
by the Smith and Barnby model is based on Stroh dislocation
pile-up model [24]. The nucleation stress is computed assuming
unfavourable conditions (i.e., h = 70.5� and a well-oriented disloca-
tion channel, Fig. 7a). The microcrack nucleation stress is com-

puted by: RSB
crit ¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
12lð2cs�cGBÞ

pð1�tÞLe

q
where l and Le are respectively the

elastic shear modulus and the length of the pile-up. Usually, the
length of the pile-up is supposed to be the half of the grain size:
Le = L/2. The grain size and the dislocation channel thickness of
austenitic stainless steels studied by Nishioka et al. [7] and Fukuya
et al. [16] are about: L = 50 lm and t = 50 nm respectively. Uncer-
tainties of ±20% are considered concerning the grain size and the
dislocation channel thickness in the following computations. With-
out impurities located at GBs, the free surface energy for an austen-
itic stainless steel is in the range: cs = 2–3 J m�2 [39] and this one
depends only slightly of the considered slip plane. The grain
boundary energy, cGB, for an austenitic stainless steel, without
impurities located at GBs, has been reported by Caul et al. [40] to
be in an interval cGB = 0.3–1.2 J m�2. On the contrary, these values
depend strongly of the GB characteristic (LABs, special GBs, and
non-CSL HABs). In order to apply both criteria to predict micro-
crack nucleation in argon environment, the free surface energy is
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chosen to be 2.5 J m�2 and the minimum and maximum free sur-
face energies of 2 J m�2 and 3 J m�2 are respectively considered,
according to [39]. Concerning, the GB energy value, non-CSL HABs
are the most sensitive to microcrack nucleation [37], we consider
the highest GB energy which is cGB = 1.2 J m�2 according to [40].
The yield stress is considered to be equal to Ry = 1000 MPa
(±20%) [5]. The results reported in Fig. 10 shows that the Smith
and Barnby criterion, based on the Stroh pile-up model, underesti-
mates strongly the microcrack nucleation stress. This result con-
firms that pile-up models are not well suited to predict the
intergranular microcrack nucleation stress in pre-irradiated
austenitic stainless steels. On the contrary, the proposed criterion
(Fig. 10) is able to correctly predict the microcrack nucleation
stress (see the scatter bar). It should be noticed that no adjustable
parameter was used to apply the proposed criterion (Eq. (8)). How-
ever, in order to completely validate the proposed criterion, this
one should be tested on other material (copper or nickel for exam-
ple), which have another grain size and dislocation channel thick-
ness. This future work represents also a perspective of the present
work.

5.3. Intergranular microcrack nucleation in PWR environment

Recently [17,18] carried out uniaxial constant load (UCL) tests in
PWR environment on pre-irradiated austenitic stainless steels
(38 dpa). They measured the maximum stress for which failure oc-
curred (named IASCC failure stress). In the experimental conditions
of their tests (temperature about 300 �C and constant load) it is rea-
sonable to assume that dislocation channel formed and contributed
to intergranular microcrack nucleation and failure. The experimen-
tal results (Figs. 14 and 15) show that at 38 dpa, the ratio Rcrit/Ry is
equal to about 0.5, while this ratio at the same irradiation dose is
equal to about 1 in argon environment as mentioned previously.
In the next sections, we discuss independently the role of hydrogen
embrittlement and oxidation, on the lower value of the ratio Rcrit/
Ry for pre-irradiated material tested in PWR environment.

5.3.1. Effect of hydrogen
Fujimoto et al. [41] measured the hydrogen concentration ver-

sus the irradiation dose in a 316CW (cold-worked) austenitic stain-
less steel irradiated in PWR environment. The authors observed
that the hydrogen concentration increases from 400 appm at
0 dpa to 3000 appm at 35 dpa. However, in the same experimental
conditions [42] measured a hydrogen concentration about 400
appm at 0 dpa, but this one does not increase with the irradiation
dose. And, according to [41] the difference between both results
seems difficult to explain.

The presence of hydrogen atoms at GBs could affect the fracture
surface energy (c). Rice and Wang [43] proposed an analytical
model to take into account the presence of impurities (hydrogen
in our case) at the GBs on the fracture surface energy. This model
assumes that the thermodynamic system is in local equilibrium,
symmetrical GB. The relation established by the authors is
expressed by:

ð2cS � cGBÞ
1 ¼ ð2cS � cGBÞ

0 � ðDg0
GB � Dg0

SÞC ð9Þ

where (2cs � cGB)0 and (2cs � cGB)1, are respectively, the frac-
ture surface energy without and with hydrogen atoms, Dg0

GB and
Dg0

s , the Gibbs energy of the impurities at the grain boundary
and at the free surface and C, the number of hydrogen atoms per
square meter located at the GBs which is assume to be divided
equally between tow surfaces. The equilibrium occupancy fraction
of hydrogen is defined by: h = CCs, where Cs is the maximum
number of hydrogen atoms at the GBs. In the case of FCC metals
or alloys, this one is equal to about Cs = 1.28 � 10�19 atoms/
m2 = 2.13 � 10�5 mol/m2. Recent ab initio computations per-
formed by Geng et al. [44], Young et al. [45] and Yamaguchi et al.
[46] on a nickel R5 twist or tilt GB (special GB) allowed them to
compute the Gibbs energies. The authors found Gibbs energy
(i.e., Dg0

GB � Dg0
S ) comprises between 25 kJ/mol and 40 kJ/mol. The

ratio c1

c0 ¼ ð2cS�cGBÞ
1

ð2cS�cGBÞ
0 for both values of Gibbs energy in a nickel R5

twist or tilt grain boundary is also plotted versus the equilibrium
occupancy fraction of hydrogen h (Fig. 11). Furthermore, from ab
initio computations [47,48] have computed the free surface energy
on a (1 1 1) surface versus occupancy fraction of hydrogen h for
aluminium. Their results are also plotted in Fig. 11. We can observe
that the fracture surface energy is only slightly modified for a nick-
el R5 twist or tilt grain boundary (decrease of 20%), while in the
case of aluminium, the free surface energy is strongly modified
(decrease of 60%). The equilibrium occupancy fraction of hydrogen
h, can be computed by Hondros et al. [49] and Hirth [50]:
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h
1� h

¼ C0 exp
DHb

RT
ð10Þ

where C0 is the hydrogen concentration (appm), DHb the GB binding
energy (kJ/mol), T the temperature (K). This expression is plotted
versus hydrogen concentration (Fig. 12) considering PWR water
temperature (573 K) and DHb = 20 kJ/mol [51]. It can be observed
that for a hydrogen concentration comprises between 500 and
3000 appm, the equilibrium occupancy fraction of hydrogen is com-
prised between 0.003 and 0.02. Consequently, this model coupled
with the Rice and Wang model [43] lead to a fracture surface energy
which is not modified by the hydrogen atoms at the GBs. This can-
not explain the lowest value of the IASCC macroscopic nucleation
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Fig. 14. Ratio Rcrit/Ry (Rcrit: macroscopic microcrack nucleation stress and Ry: macrosco
(T � 320 �C) and tested in PWR environment (T � 320 �C). Comparison between experim
Smith and Barnby criterion (t = 50 nm (±20%), L = 50 lm (±20%), f = 0.5, s0 = 60 MPa). Pre
(Fig. 12), (a) using the fracture surface energy computed for nickel R5 grain boundar
aluminium 2cs � cGB = 0.8 J m�2 (Fig. 11).
stress at high dose for material tested in PWR environment in com-
parison to material tested in argon environment.

However, hydrogen atoms can be trapped if the hydrostatic
pressure p = Tr(r)/3, is sufficiently high. The hydrostatic pressure
at the GB has been computed using the FE method (Fig. 13). A
quasi-singularity of the GB hydrostatic stress is observed close to
the intersection between the dislocation channel and the GB. The
hydrostatic pressure reaches about 900 MPa close to the disloca-
tion channel for a tensile load of R0 = 300 MPa. Consequently, it
is probable that hydrogen diffuse toward the intersection between
dislocation channel and the GB. Let us assume that h = 1 at the GB
close to the dislocation channel. If austenitic GBs have the same
behaviour as the nickel GBs, with respect to hydrogen embrittle-
ment, the fracture surface energy would decrease of 20% (i.e., from
2cs � cGB = 3.8 J m�2 to 2cs � cGB = 3 J m�2). On the contrary, if
austenitic free surface follow the same behaviour as the aluminium
free surface, with respect the hydrogen embrittlement, the free
surface energy decreases of 60% (i.e., from 2cs = 5 J m�2 to 2cs =
2 J m�2). Unfortunately, we are not aware of any study allowing
the computation or measurement of the energies of aluminium
GBs containing hydrogen. Then, we assume that the GB energy is
not strongly affected by hydrogen atoms and a value of cGB =
1.2 J m�2, according to [40] is also used (i.e., 2cs � cGB = 0.8 J m�2).
These values are used to compute macroscopic nucleation stress
predicted by either the proposed criterion or the Smith and Barnby
criterion at a dose of 38 dpa. In these computations, the grain size,
the dislocation channel thickness and the yield stress are consid-
ered to be equal to L = 50 lm (±20%), t = 50 nm (±20%) and Ry

= 1000 MPa (±20%), respectively. The results (Fig. 14a and b) show
that the Smith and Barnby criterion underestimates the IASCC
nucleation stress whatever the hydrogen embrittlement sensitivity
(Ni or Al behaviour predicted by the ab initio computations). The
proposed criterion overestimates the IASCC nucleation stress if
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ental results [17,18], and predictions given by the proposed criterion as well as the
dictions taking into account hydrogen embrittlement with a GB occupancy of h = 1
y 2cs � cGB = 3 J m�2 (Fig. 11), (b) using the fracture surface energy computed for
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Fig. 15. Ratio Rcrit/Ry (Rcrit: macroscopic microcrack nucleation stress and Ry: macroscopic yield stress) for an irradiated austenitic stainless steel pre-irradiated at 35 dpa
(T � 320 �C) and tested in PWR environment (T � 320 �C). Comparison between experimental results [17,18], and predictions given by the proposed criterion as well as the
Smith and Barnby criterion (t = 50 nm (±20%), L = 50 lm (±20%), f = 0.5, s0 = 60 MPa), (a) using the fracture surface energy computed for pure Fe2O3, 2cs � cGB = 3 J m�2, (b)
using the fracture surface energy computed for hydrated Fe2O3, 2cs � cGB = 1.7 J m�2, (c) using the fracture surface energy computed for hydroxylated Fe2O3,
2cs � cGB = 0.5 J m�2.
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we consider that the austenitic GBs follow the same behaviour that
nickel GBs (Fig. 14a). On the contrary, if we consider that the
austenitic GBs follow the same behaviour that aluminium GBs
(Fig. 14b), the proposed criterion is able to correctly predict the
IASCC macroscopic nucleation stress. In a future work, ab initio
computations should be performed on Fe–Ni–Cr with the presence
of hydrogen atoms at GB in order to have a more precise values of
fracture surface energy.

5.3.2. Effect of oxidation
Asano et al. [52], Bruemmer et al. [1] and Miwa et al. [53] mea-

sured the GB chromium concentration in pre-irradiated austenitic
stainless steels. They observed that the chromium concentration
decreases when the irradiation dose increases. The minimum con-
centration reaches about 11% at 10 dpa. Furthermore, an enrich-
ment of nickel is observed at the GBs. The GB chemical
composition variations are due to the Kirkendall inverse effect
(see for example [1,11]), Then, it is probable that at the intersection
between the free surface and the GB, the oxide layer can be break
by the combined effect of dislocation channel and the depletion of
chromium which does not allow the repassivation of the oxide
layer. Oxygen can also diffuse inside the material. Oxide such as
Fe2O3, Fe3O4, Cr2O3, NiO can be formed and embrittle GBs [54].
The fracture surface energy is also modified by the presence of
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oxide. At 38 dpa, GB chromium content is too low for continuous
repassivation and the GBs can be oxidized. Free surface energies
per unit area have been calculated for Fe2O3, Fe3O4, Cr2O3, or NiO
oxides using ab initio computations. The obtained values are about
2cs = 3–5 J m�2 [55,56]. Leeuw et al. [57] computed free surface en-
ergy 2cs, for pure, hydrated and hydroxylated Fe2O3. They obtained
respectively, 2cs = 4.2 J m�2, 2cs = 2.9 J m�2 and 2cs = 1.7 J m�2.
Unfortunately, we are not aware of any study allowing the compu-
tation or measurement of GB energies for these oxides. Conse-
quently, a GB energy of cGB = 1.2 J m�2 is used [40] which gives
the right order of magnitude for non-CSL HABs for various materi-
als [35]. From [57] results, three applications of the proposed and
Smith and Barnby criteria are performed using: (i) fracture surface
energy of 2cs = 4.2 J m�2 minus a GB energy of cGB = 1.2 J m�2 (i.e.,
2cs � cGB = 3 J m�2), (ii) fracture surface energy of 2cs = 2.9 J m�2

minus a GB energy of cGB = 1.2 J m�2 (i.e., 2cs � cGB = 1.7 J m�2)
and (iii) fracture surface energy of 2cs = 1.7 J m�2 minus a GB en-
ergy of cGB = 1.2 J m�2 (i.e., 2cs � cGB = 0.5 J m�2). As before, the
grain size, the dislocation channel thickness and the yield stress
are chosen to be: L = 50 lm (±20%), t = 50 nm (±20%) and Ry =
1000 MPa (±20%) respectively. The results (Fig. 15a–c) show that
the Smith and Barnby criterion underestimates the IASCC stress
whatever the fracture surface energy. Using the fracture surface
energy of 2cs � cGB = 3 J m�2, pure Fe2O3 and 2cs � cGB = 1.7 J m�2,
hydrated Fe2O3 (Fig. 15a and b), the proposed criterion underesti-
mates the IASCC stress. However, with a fracture surface energy of
2cs � cGB = 0.5 J m�2, hydroxylated Fe2O3 (Fig. 15c), the proposed
criterion is able to correctly predict the IASCC stress.
5.3.3. Summary
It is probable that hydrogen embrittlement and oxidation parti-

ciple together to IASCC nucleation. Other studies should be per-
formed to know how to take into account both effects in the
modelling. Finally, another effect should be participle to material
embrittlement such as helium bubbles formation at GB [58]. This
last embrittlement mechanism should be study in a future work.
6. Discussion

6.1. Continuum versus discrete approaches

Continuum approach does not allow us to predict the spatial
distribution of the dislocations in the channel. Therefore, the GB
stress field induced by the real distribution of dislocations in the
channel cannot be computed accurately. This spatial distribution
depends on the dislocation sources, cross-slip events (eventually
climb), inter-dislocation stresses. Using the stress field induced
by each dislocation, it would be finally possible to compute a more
physically-based GB stress field than the one computed using con-
tinuum modelling. Such computations would require us to carry
out discrete dislocation dynamics (DDD) computations which are
much more time consuming than crystalline FE computations. Fur-
thermore, the exact mechanisms of channel production are still in
debate and depend very probably on the irradiation defect charac-
teristics (SFT, Frank loop) and temperature. Following the results of
DDD reported in the literature several mechanisms should be in-
volved such as cross-slip [59,60,15], climb [60] and pile-ups
[59,15]. On the experimental point of view, the in situ TEM obser-
vations of Robach et al. carried out on polycrystalline copper [61]
show that screw dislocations are indeed more efficient than edge
dislocations for annihilating irradiation defect. They show that
channelling results in addition from the effect of numerous dislo-
cations located in pile-ups. All these mechanisms may affect the
spatial distribution of dislocations in the channels and therefore
the induced GB stress fields.
It should nevertheless be noticed that our basic continuum ap-
proach permits us to investigate the influence of many parameters
such as channel thickness and length, elasticity and plasticity
parameters, grain boundary orientation, and applied stress. An
analytical formula is even be deduced allowing the evaluation of
the GB stress fields for various materials and configurations.

Chou and Li studied the stress field induced by parallel pile-ups
which may carry out the slip instead of a single pile-up [62]. A
stress singularity is found close to each small pile-up (l: length of
each small pile-up, l < L), particularly on each side of the channel.
It is due to the assumption of elastic behaviour outside the chan-
nel. The stress singularity would be of

p
l/r type if the distance be-

tween the small pile-up is large enough (see below the range of
validity of the pile-up stress fields).

The square root singularity found using the discrete or contin-
uum approaches is based on the assumption of elastic behaviour
outside the channel. This hypothesis is based on some experimen-
tal observations. The etch-pit observations of Young showed that
only a low fraction of the dislocation segments located outside
channels glide during tensile deformation [63]. For a neutron irra-
diation dose higher than 10 dpa at a temperature of 320 �C, the dis-
location segment density measured after irradiation is very low
(<1011 m�2 following [30]). Therefore, the probability of finding a
dislocation segment in the stress concentration area around the
intersections of channels and GBs is very low. This means that slip
activation from pre-existing dislocation segments is very rare, ex-
cept in channels. And the stress required for nucleating mobile dis-
location segments from GBs are very high following recent
molecular dynamics computations investigating various metals
and GB kinds [64]. This is why the assumption of elastic behaviour
outside the channels seems reasonable. One exception would be
the case of special boundaries such as twin boundaries for which
slip transfer in the next grain has been observed [65]. This should
lead to stress relaxation.

Some limitations concerning the validity of the stress field sin-
gularity should be mentioned. First, the elastic stress field induced
by a dislocation is only valid at a distance larger than the core ra-
dius, rcore, which is about three times the Burgers vector length, b
(rcore P1 nm). Second, the pile-up stress singularity has another
limitation detailed by Stroh [4]. This is not valid close to the head
of the pile-up. For edge dislocation pile-ups, the cut-off length is
given by Stroh [4]:

r � rcut-off ¼
l

4pð1� mÞT b

with l the elastic shear modulus, t the Poisson ratio and T the ap-
plied shear stress. For the tests studied in our article (austenitic
stainless steels, neutron doses higher than a few dpa, temperature
of about 300 �C), T � 250–500 MPa (one half of the axial stress), this
leads to: rcut-off � 15–30b > rcore. As mentioned by Stroh, in the range
[rcore, rcut-off], the stress singularity due the dislocation at the head of
the pile-up dominates, which leads to a singularity of type: lb/r. For
a distance to the pile-up dislocation lower than the core radius, the
elastic fields are of course no more valuable. Therefore, because of
the cruder assumptions of the continuum approach presented here,
the stress fields computed by the FE method are not valid if the dis-
tance to the channel-GB intersection is lower than rcut-off � 15–30b.

6.2. Channel hardening

Sharp observed by TEM the channel microstructure formed dur-
ing tensile deformation at room temperature of pre-irradiated cop-
per well-oriented single crystals [66]. Sharp concluded that the
microstructure is composed mainly of primary dislocations and
edge dipole bundles. This microstructure seems very similar to
the one formed during the first stage of tensile deformation of
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non-irradiated copper crystals oriented for single slip. Following
[67–70], the stage I deformation in FCC well-oriented single crys-
tals is characterized by a plastic tangent modulus belonging to
the range l/200–l/2000, depending on the plastic slip range and
material (aluminium, copper). This modulus is defined by the ratio
between the resolved shear stress and plastic slip increments. As
explained in paragraph 1, a very weak hardening slope was used,
about l/250. It was uneasy to use a weaker value because of
numerical convergence problems.

The polycrystal hardening is much higher than the single crystal
hardening, either for the unirradiated or pre-irradiated austenitic
stainless steel [5]. This hardening is due to pile-ups and grain to
grain interactions which are negligible in single crystals. For exam-
ple the high channel deformation induces high long-range stresses
are automatically computed by the FE method. They lead to high
polycrystalline hardening.

Finally, still following TEM observations [66], Sharp noticed that
the strain rate does not affect the channel dislocation microstruc-
ture, which agrees with the results of macroscopic tensile tests.
Neglecting viscosity in the studied loading conditions seems there-
fore physically based.
6.3. Effect of neighbour grains

Neighbour grains may affect the local stress level in a given
grain. As austenitic stainless steels present a high anisotropy level
of crystalline elasticity (a = 2C44/(C11 � C12) = 3.3), this effect is par-
ticularly visible at low stress for which crystalline elasticity is
dominant. Crystalline FE computations show that the scatter on
the resolved shear stress induced by the random orientations of
neighbour grains of similar equiaxed geometry is about ±16%
[71,72]. In addition, computations taking into account slip bands
in the considered grain, show that the channel plastic slip scatter
is even higher: ±30% [73]. This is due to the channel non-linear
behaviour. Nevertheless, elastic strain measurements [74] and
computations carried out for higher plastic strains [74,75], corre-
sponding to generalized plasticity in the polycrystal show that
the scatter of the mean grain plastic strain distribution decreases
dramatically with the macroscopic strain increasing. And the com-
putations taking into account the variable orientation of the next
grain lead to negligible scatter of the GB stress field close to the
channel-GB intersection. Further computations taking into account
a larger number of grains and higher plastic strains are required for
evaluating the scatter in the GB stress fields induced by the ran-
dom orientations of the neighbour grains.
7. Conclusions

In order to study the role played by dislocation channel on
intergranular microcrack nucleation in pre-irradiated austenitic
stainless steel, finite element computations are performed using
crystal plasticity law and meshes including a channel of finite
thickness. The influence of dislocation channel on grain boundary
stress field has been studied. The numerical results show that the
dislocation channel thickness and length influence strongly the
grain boundary normal stresses. An analytical model, with a stress
singularity as 1=

ffiffiffi
r
p

(r: distance to the dislocation channel-grain
boundary intersection) is proposed, for which a stress intensity fac-
tor, applied to dislocation channel impacting a grain boundary, is
formulated. The analytical model is adjusted using few finite ele-
ment results and is validated with other finite elements results.
From the analytical model, a grain boundary microcrack nucleation
criterion is deduced, based on the elastic–brittle Griffith model.
The proposed criterion predicts correctly the influence of grain
boundary characteristics (LABs, non-CSL HABs, special GBs) on
intergranular cracking observed in pre-irradiated austenitic stain-
less steels. Furthermore, the proposed criterion predicts correctly
the macroscopic grain boundary microcrack nucleation stress for
pre-irradiated austenitic stainless steels tested at low strain rate
in argon environment. On the contrary, the Smith and Barnby cri-
terion, based on the Stroh dislocation pile-up model underesti-
mates strongly the microcrack nucleation stress. This shows that
the pile-up model is not well suited to predict the grain boundary
microcrack nucleation of deformed pre-irradiated austenitic stain-
less steels. To predict microcrack nucleation stress in PWR environ-
ment, ab initio computation results from the literature are used to
obtain the fracture surface energies modified by the presence of
hydrogen atoms or oxide at grain boundaries. The results show
that the Smith and Barnby criterion still underestimates strongly
the IASCC macroscopic nucleation stress. On the contrary, some
of the fracture surface energies deduced from ab initio computa-
tions of the literature allows to correctly predicting the IASCC mac-
roscopic nucleation stress with the proposed criterion.
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